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The main focus of this study is to characterize the inter-
facial interactions between silica nanoparticles and
polypropylene and to investigate how the surface prop-
erties and morphology of the silica nanoparticles affect
the elastic response of the silica–polypropylene compo-
sites. The composites were prepared by melt compound-
ing and injection molding. Both non-functionalized and
dimethyldichlorosilane-functionalized silica nanoparticles
were used. Three-component composites were also pre-
pared by including selected formulations of both poly(pro-
pylene-g-maleic anhydride) copolymer (PPgMA) and
different types of silica. It was found that both silica types
are nucleating agents for PP and significantly alter its
crystallization behavior. A strong correlation between the
glass transition temperature (Tg) and the tensile modulus
in silica-PP nanocomposites indicated the presence of a
secondary reinforcing mechanism that is the pinning of
the polymer chains on the silica surface. The presence of
a complex constrained phase, represented by immobi-
lized amorphous and transcrystalline phases, forming at
the filler surface, was assessed by modulated differential
scanning calorimetry and dynamic mechanical analysis.
Finally, the interfacial interactions were correlated to the
tensile and viscoelastic properties using the theoretical
models proposed by Pukanszky and Sumita et al., respec-
tively, and comparing the predictions of the models to
experimental results. POLYM. COMPOS., 37:2018–2026, 2016.
VC 2015 Society of Plastics Engineers

INTRODUCTION

A novel class of materials, namely the polymer nano-

composites, has recently shown new and novel properties

thanks to the addition of nanostructured materials such as

fumed silica, carbon nanotubes, and graphite nanoplatelets.

An advantage of nanocomposites over traditional micro-

reinforced composites is that thanks to the extremely high

surface area of nanofillers, an improvement of the mechani-

cal and thermomechanical properties [1–3], gas barrier

properties, and thermal and electrical conductivity [4, 5]

can be achieved at low filler contents (less than 5 wt%).

However, the unique properties of the nano-reinforcements

cannot be fully exploited in nanocomposites because of

agglomeration and weak interfacial interactions that result

in reduced stress transfer at the reinforcement–polymer

interface [6, 7]. In particular, interfacial interactions repre-

sent an important issue, as polar nanofillers (such as silicas,

metal oxides, layered silicates, etc.) are generally poorly

dispersed in apolar thermoplastics (such as polyolefins),

thus limiting the improvement of the thermomechanical

properties. To enhance the dispersability of nanofillers in

polyolefins, they are usually added after appropriate sur-

face treatment or together with a polymeric compatibilizer.

Interfacial interactions are important in micro-

reinforced composites, but they really play a dominant role

in case of nanocomposites, determining the dispersion and

agglomeration of the filler within the matrix and the stress

transfer along the interface, which dictate the physical

properties of the polymer matrix and consequently the mac-

roscopic characteristics of the nanocomposite [8, 9]. The

recent literature highlights the need of considering various

experimentally observed filler characteristics such as aspect

ratio [10, 11], agglomerate size, and presence and proper-

ties of interphase [12, 13] to develop better design tools to

fabricate multifunctional polymer composites. In particular,

it is of great interest to understand how nanoscale interfa-

cial interactions affect the macroscale properties in poly-

mer nanocomposites [14, 15].

Present research has been mainly focused on the

understanding of the mechanisms involved in the polymer

chain dynamics upon nanofiller modification. In
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particular, it has been shown that the interfacial interac-

tions in polymer nanocomposites lead to significant

changes in the physical properties of the polymer, includ-

ing glass transition [16], viscoelastic behavior, and crys-

tallization behavior [17, 18]. Moreover, the presence of a

constrained amorphous phase located not only at the crys-

tal surface but also at the filler surface has been con-

firmed and, as reported, it induces secondary reinforcing

mechanisms which, in addition to the primary stiffening

effect due to the high modulus of the filler particles, sig-

nificantly contribute to the enhancement of the bulk prop-

erties of semicrystalline polymer composites [19].

On the other hand, few studies have been dedicated to

the modeling of the relationships between the macro-

scopic mechanical properties of nanocomposites and their

interfacial interactions which are expressed usually in

terms of the interfacial shear strength. Pukanszky devel-

oped a model to predict the variation of the composite’s

yield stress with the filler content, introducing a parame-

ter that accounts for the interfacial interactions [20, 21].

Sumita et al. [22] used the information obtained from

dynamic mechanical analysis (DMA) measurements to

estimate the effective volume fraction of the dispersed

phase. Also in this case, a parameter is introduced to

describe the interfacial interactions. Shang et al. [23] pro-

posed another model that correlates the work of adhesion,

which is related to the interfacial interactions, with the

elastic modulus and the tensile strength in silica-filled

polymer composites.

Therefore, the main aim of this study is to provide bet-

ter understanding on the impact of interfacial interactions

on the physical characteristics of the polypropylene (PP)

matrix and in turn on the macroscopic mechanical per-

formance of silica-reinforced PP nanocomposites. The

thermomechanical properties of the polymeric matrix

characterized as a function of the silica content and type

are used to reveal the relationships among interfacial

interactions, tensile properties, and viscoelastic behavior

in silica PP composites. The experimental results are

compared with theoretical models that relate the interfa-

cial interactions to macroscopic mechanical properties. To

generate different interfacial interactions, both untreated

and silane-treated silica particles are used to produce the

materials under investigation.

EXPERIMENTAL

Materials and Composites Preparation

The matrix of the nanocomposites used in this work

was an isotactic homopolymer polypropylene (MFI at

190�C and 2.16 kg 5 6.9 g/10 min, density 5 0.904 g/

cm3) produced by Polychim Industrie S.A.S. (Loon-Plage,

France) and provided by Lati Industria Termoplastici

S.P.A (Varese, Italy) with the commercial code PPH-B-

10-FB. Maleic anhydride modified polypropylene

(PPgMA) (Fusabond
VR

P M-613-05, MFI at 190�C and

2.16 kg 5 106.8 g/10 min, density 5 0.903 g/cm3, maleic

anhydride content 5 0.35–0.70 wt%), was supplied by

DuPontTM de Nemours (Geneva, Switzerland). Both

untreated and surface-treated fumed silica nanoparticles

were supplied by Evonik Industries AG (Hanau, Ger-

many). Untreated nanoparticles (Aerosil
VR

A380), indi-

cated as Su, had an average primary particle size of 7 nm

and a specific surface area of 321 6 3 m2/g, as deter-

mined by BET analysis [24]. Dimethyldichlorosilane

functionalized silica nanoparticles (Aerosil
VR

R974), desig-

nated as St, had an average primary particle size of

12 nm and a BET-specific surface area of 124 6 1 m2/g.

The nanocomposites were produced by melt mixing

and injection molding. A vertical, co-rotating, bench-top

twin-screw micro-extruder (DSM Micro 15 cm3 Com-

pounder) connected to a micro-injection molding unit

(DSM) were used. The compound was mixed for 3 min,

at 190�C, and a screw speed of 250 rpm. The temperature

of the mold was 80�C, whereas the injection molding

pressure was about 800 kPa. Ternary nanocomposites

were prepared by adding 5 wt% of PPgMA as a compati-

bilizer to the systems containing 5 wt% of silica.

Composites are designated indicating the matrix, the

compatibilizer (if any) with its content, the kind of filler

with its amount. For instance, a composite containing 5

wt% of PPgMA and 5 wt% of Aerosil
VR

A380 is indicated

as PP-PPgMA-5-Su25.

Experimental Techniques

Fracture surfaces of nanocomposite specimens were

observed using a Zeiss Ultra60 (Carl Zeiss NTS GmbH -

Germany) field emission scanning electron microscope

(FE-SEM), at an acceleration voltage of 5 kV. Before the

SEM observations, a thin gold coating was applied onto

the surface by plasma sputtering to minimize the charging

effects.

Standard differential scanning calorimetry (DSC) and

modulated DSC tests were performed at a DSC Q2000

(TA Instruments, New Castle, Delaware) under a constant

nitrogen flow of 50 ml/min. The samples were heated up

from the equilibrated temperature of 0–200�C at 5�C/min

followed by cooling down to 0�C, at 5�C/min. During

heating and cooling a modulation of 61�C every 60 s

was adopted to decompose the total heat flow signal into

reversing (describing heat capacity events including the

glass transition and melting) and nonreversing informa-

tion (related to kinetic events such as crystallization and

crystal perfection).

Uniaxial ramp tensile tests were performed with an

Instron model 33R 4466 (Norwood) tensile tester

equipped with a 500-N load cell at a crosshead speed of

5 mm/min. Values of the elastic modulus and yield stress

were determined recording the load and the axial strain

by using a resistance extensometer Instron
VR

model 2630-

101 with a gauge length of 10 mm. As indicated by the

ISO527 standard, an elastic modulus was determined on
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the stress–strain curves as a secant value between longitu-

dinal deformations of 0.05 and 0.25%. Each data point

reported is an average of five tests. Dynamic mechanical

analyses (DMA) were performed in tensile mode on a

DMA Q800 (TA Instruments, New Castle, Delaware)

testing machine over a temperature range between 220

and 160�C, imposing a heating rate of 5�C/min at a fre-

quency of 1 Hz. A preload of 0.2 MPa and a maximum

strain of 0.05% were imposed on rectangular samples

25 mm long, 3.30 mm wide, and 3.27 mm thick.

RESULTS AND DISCUSSION

Interfacial Interactions and Constrained Polymer Phase

Interfacial interactions in PP-based nanocomposites

represent an important issue, because polar nanofillers

including silica are generally poorly dispersed in apolar

thermoplastics (such as polyolefins), thus limiting the

improvement of the thermomechanical properties. To

enhance the dispersability of nanofillers in polyolefins,

they are usually added after appropriate surface treatment

or together with a polymeric compatibilizer.

The interfacial interactions were assessed by experi-

mental determination of the viscoelastic properties,

including the glass transition temperature, Tg, storage

modulus, and tan d and the crystallization behavior in

terms of crystallization temperature Tc, and degree of

crystallinity v, as a function of the silica type and

content.

Specifically, as shown in Fig. 1, the tan d peak value

decreases and shifts toward higher temperatures as the

silica content increases which means that the composites

become stiffer and the Tg increases [19] (Table 1). The

increase in Tg indicates that the polymer chains are

pinned on the silica surface. These constrained polymer

chains also contribute to an increase in stiffness providing

a secondary reinforcing mechanism. The question whether

these immobilized polymer chains are amorphous or crys-

talline will be addressed in the crystallization study that

follows. It is also noted that the stiffening effect and the

increase in Tg is larger in the case of the treated silica

particles which is expected, because the treated particles

will result in stronger interfacial interactions. Further-

more, the difference in tan d and Tg between the

untreated and surface-treated silica-reinforced composites,

for the same silica content, clearly demonstrates that the

viscoelastic properties correlate strongly to the interfacial

interactions and that the stronger the interactions the

larger the constrained polymer phase at the silica surface,

which means the secondary reinforcing mechanism

becomes more dominant.

To decouple the two different reinforcing mechanisms,

the stiffening caused by the presence of the stiffer silica

particles which dominates the elastic behavior at tempera-

tures below Tg, and the stiffening caused by the con-

strained polymer phase at the silica surface which will

contribute to the elastic behavior of the composites at

temperatures above Tg, the storage modulus of the silica

nanocomposites, normalized with respect to that of neat

PP, above and below Tg, is presented as a function of the

filler content in Fig. 2. The normalized storage modulus

Ec
0=Em

0ð Þ is higher for both PP-Su and PP-St composites

when considered above Tg than when evaluated below Tg.

This would not have been the case if the stiffening was

only due to the addition of the stiffer silica particles.

Therefore, this behavior is attributed to the polymer

chains which are pinned at the silica surface forming the

constrained and stiffer phase mentioned earlier. Notewor-

thy, the pinning of polymer chains depends on the avail-

able filler surfaces and this quantity is dependent upon

the agglomeration degree. Another possible explanation is

that addition of silica increases the degree of crystallinity

in the polymer and, as it is known, the crystalline regions

are stiffer that the amorphous ones.

In addition to using surface-treated silica particles to

enhance the interfacial interactions, PPgMA compatibil-

izer was also used in 5 wt% silica composites with both

FIG. 1. Tan d of (a) PP-Su and (b) PP-St composites as a function of

temperature and filler amount.
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untreated and treated silica. The addition of the compati-

bilizer resulted in a significant increase of the normalized

storage modulus above Tg especially for the composites

containing untreated silica particles. As it is expected, the

silica particle dispersion becomes more homogeneous

upon the addition of PPgMA which means that there are

fewer or/and smaller agglomerates. Thus, there is more

silica surface available to interact with the polymer result-

ing in immobilization of more polymer chains and larger

constrained polymer phase. Noteworthy, the brittleness

was quantitatively determined according to a recent

model proposed by Brostow et al. [25, 26] which takes

into account the tensile elongation at break and the stor-

age modulus determined by DMA at 25�C. The brittle-

ness increases with the filler content for both PP-Su and

PP-St composites (Table 1), showing lower increase in

the case of PP-St composites because of the lower degree

of agglomeration and more homogeneous distribution of

silica particles that limits the decrease in elongation at

break as compared with PP-Su composites (see paragraph

3.4). Incorporation of PPgMA improves the filler disper-

sion and distribution but also intensifies the polymer/filler

interfacial interactions, determining a significant decrease

in elongation and a correspondent increase in brittleness.

The degree of crystallinity v, is determined as a func-

tion of the silica type and amount according to Eq. 1 and

by accounting for the weight fraction of PP in the com-

posite (WPP) as:

v5
DH

DH�m WPPð Þ 100 (1)

where DH�m is the melting enthalpy of 100% crystalline

isotactic PP equal to 209 J/g [27].

As shown in Table 1, the degree of crystallinity

decreases upon addition of silica irrelevant of the silica

type or the presence of compatibilizer, probably due to

the fact that the polymer chains, during crystallization in

the molten state, are immobilized at the silica surface.

In particular, the fraction of polymer chains anchored at

the filler surface dictates the interfacial interactions

between the filler and matrix and can be determined by

investigating the thermomechanical behavior of the nano-

composites as a function of filler content and temperature.

The fraction of the constrained region, C, is estimated by

applying a peculiar theoretical model specifically devel-

oped for semicrystalline polymers [28]. This model takes

into account a constrained region formed by the crystalline

phase and also part of the amorphous phase that was immo-

bilized at the crystal surface upon crystallization, whereas

the rest of the amorphous phase is considered as mobile

phase. The model was modified to be applied for polymer

nanocomposites by considering that the amorphous phase

TABLE 1. Crystallization and viscoelastic properties of the silica nanocomposites.

Sample v%
a Tan dTg

b Tg (�C)c C%
d (C-v)%

e Brittlenessf 1010/(%�Pa)

PP 41.8 6 0.2 0.0789 6 0.0010 15.05 6 0.11 41.8 0.0 0.018

PP-Su 20.5 41.4 6 0.3 0.0762 6 0.0006 15.38 6 0.15 43.4 2.0 6 0.3 0.031

PP-Su 21 40.0 6 0.2 0.0747 6 0.0009 15.43 6 0.12 44.3 4.3 6 0.2 0.300

PP-Su 23 38.66 0.3 0.0732 6 0.0010 15.90 6 0.16 45.2 6.6 6 0.3 0.320

PP-Su 25 38.5 6 0.2 0.0717 6 0.0008 16.30 6 0.11 46.1 7.6 6 0.2 0.406

PP-Su 27 34.8 6 0.3 0.0657 6 0.0007 16.63 6 0.18 49.8 15.0 6 0.3 0.522

PP-St 20.5 41.86 0.2 0.0743 6 0.0010 15.53 6 0.12 44.5 2.7 6 0.2 0.029

PP-St 21 40.6 6 0.3 0.0732 6 0.0009 16.48 6 0.15 45.2 4.6 6 0.3 0.120

PP-St 23 39.2 6 0.4 0.0715 6 0.0006 17.25 6 0.14 46.2 7.1 6 0.4 0.128

PP-St 25 37.9 6 0.2 0.07006 0.0009 17.43 6 0.17 47.2 9.2 6 0.2 0.130

PP-St 27 34.7 6 0.4 0.0663 6 0.0008 17.60 6 0.11 49.5 14.8 6 0.4 0.223

PP-PPgMA-5-Su 25 38.0 6 0.2 0.0654 6 0.0007 17.00 6 0.09 50.0 12.0 6 0.2 0.694

PP-PPgMA-5-St 25 38.4 6 0.3 0.0640 6 0.0009 18.03 6 0.11 50.9 12.5 6 0.3 0.619

aDegree of crystallinity based on MDSC measurements.
bLoss factor based on DMA analyses.
cGlass transition temperature evaluated through DMTA.
dConstrained phase [19].
eAmorphous constrained phase.
fBrittleness determined according to [25, 26].

FIG. 2. Normalized storage modulus evaluated below and above the

glass transition temperature as a function of filler content.
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can be immobilized not only on the crystal surface but also

on the filler surface [19]. Therefore, the constrained phase

C represents the polymer crystalline phase and amorphous

phase immobilized at the crystal and filler surface, whereas

the mobile phase consists only of amorphous polymer

chains. Because the constrained region does not contribute

to the energy loss, it can be expressed in terms of the

energy loss ratio of the composite and neat polymer at Tg,

Wc, and W0, respectively, and v which is the degree of crys-

tallinity for the pure PP (Eq. 2). The degree of crystallinity

along with the tan d values at Tg, reported also in Table 1.

C512
Wc

W0

12vð Þ (2)

where the energy loss ratio W is defined as:

W5
p tan d

ðp tan d11Þ (3)

It is noted that the constrained phase consists of poly-

mer crystalline phase and amorphous polymer chains

immobilized at the silica surface and does not contribute

to loss or dissipated energy. The fraction of the amor-

phous immobilized phase (C-v), shown also in Table 1,

can be found by subtracting the degree of crystallinity v
from the overall constrained phase C.

The nonisothermal crystallization behavior, as studied

by MDSC, showed that the onset crystallization tempera-

ture (i.e., characterizing the beginning of the crystalliza-

tion) increases with the silica content (Fig. 3), indicating

that the filler is acting as a nucleating agent as reported

also elsewhere [29]. Therefore, the crystallization induc-

tion time (Dti), defined as the time difference between

onset and endset time of the crystallization, was found to

increase with the filler content as shown in Fig. 4, indi-

cating that the polymer chains have longer time to re-

arrange forming more perfect and/or thicker crystals as

reported also in a previous work [30]. Moreover, in the

same article, it was shown that the crystallization rate of

PP-silica nanocomposites under isothermal or nonisother-

mal condition was significantly increased, indicating a

remarkable nucleating action of silica fillers (i.e., more

surfaces are available for nucleation of new crystals).

Overall, the observed crystallization behavior indicates

that a transcrystalline phase forms on the filler surface

during crystallization. The composites containing compa-

tibilizer exhibited even greater values of induction time,

due to the larger silica surface available to interact with

the polymer chains.

In conclusion, the silica–polypropylene interfacial

interactions, assessed through the viscoelastic and crystal-

lization properties of the composites, lead to the forma-

tion of a complex polymer phase constrained at the silica

surface that consists of both amorphous polymer chains

and polymer crystalline region in the form of transcrystal-

line zone.

Correlation Between Tensile and Viscoelastic Properties

The tensile elastic modulus and Tg, determined as a

function of the silica type and content, follow a similar

trend as shown in Fig. 5. In particular, both properties

increase with filler content up to �1 wt%, reach a plateau

for 1–3 wt% and continue to increase at higher filler con-

tent in case of the untreated silica (Su) composites. This

nonmonotonical trend indicates the presence of two com-

peting effects, the stiffening effect due to the high modu-

lus of silica particles (E � 70 GPa) and the formation of

silica aggregates due to poor dispersion within the matrix.

On the other hand, the properties of the silica treated (St)

composites manifested a monotonical trend characterized

by a greater increase at low filler content and a plateau at

higher filler amounts. The higher reinforcing efficiency of

St indicates better dispersion.

Moreover, the addition of PPgMA results in a signifi-

cant increase in Tg but limited enhancement in elastic

FIG. 3. Representative curves describing the nonisothermal crystalliza-

tion behaviour of PP-Su composites for increasing filler contents.

FIG. 4. Crystallization induction time, obtained from the nonisothermal

DSC crystallization curves, as a function of the filler content.
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modulus for both PP-Su and PP-St composites. This

behavior can be ascribed to the low molecular weight of

the compatibilizer as compared with PP, which limits the

improvement in bulk mechanical properties, and to the

effect of compatibilization in promoting stronger filler–

matrix interactions which are reflected in local physical

properties such as Tg. As expected, the addition of

PPgMA has lower impact in treated silica composites

whose filler–matrix interfacial interactions have been

already strengthened because of the filler surface treat-

ment (see Tg data in Table 1).

The correlation of tensile modulus to Tg provides

understanding on the reinforcing mechanisms which con-

tribute to the enhancement of the tensile and viscoelastic

properties. Specifically, the increase of both properties is

mainly due to the reinforcing effect of the high modulus

silica filler [31, 32]. Moreover, as changes in Tg are

related to the primary relaxation of polymer chains and

the extent of the immobilized chains, the alteration of

polymer chain mobility upon nanofiller addition also con-

tributes to the enhancement of the properties as reported

also in [33, 34]. Other secondary effects, such as the

change in polymer’s crystallinity and crystal structural

forms, may also contribute to the reinforcing action of

silica nanoparticles [35, 36]. Noteworthy, a qualitatively

correlation between elastic modulus and Tg can be

observed in Fig. 6 for PP-Su and PP-St composites for

increasing filler contents (from 0 to 7 wt%). Interestingly,

the increase in elastic modulus is accompanied by a cor-

respondent increase in Tg in the case of PP-St composites.

The experimental data points evidence a trend that can be

qualitatively described using a polynomial function of the

second order. Moreover, the concave trend seems more

pronounced in the case of PP-Su composites, probably

due to the presence of two competing effects mentioned

earlier (stiffening effect and the formation of silica

aggregates).

Correlation of Interfacial Interactions to Tensile and
Viscoelastic Properties

The interfacial interactions were assessed indirectly

and the macroscopic properties, that is, tensile modulus,

were correlated to the viscoelastic properties, that is, Tg,

which are dictated by the interfacial interactions [37].

The question that remains to be addressed is whether the

interfacial interactions can be described in a more quanti-

tative way using the experimentally determined tensile

and viscoelastic properties. Two theoretical models, the

one proposed by Pukanszky [21] and the one proposed by

Sumita et al. [22], that related the tensile and viscoelastic

properties, respectively, with the interfacial interactions

are used in this study.

The Pukanszky model [21] is described by Eq. 4
below:

ry;c

ry;m
5

12/
112:5/

exp BP/ð Þ (4)

where ry,c/ry,m is the ratio of the yield stress of the nano-

composites to that of the neat polymer, and / is the filler

volume fraction. It is noted that the fraction [(12/)/

(112.5/)] takes into consideration the decrease of the

effective load-bearing cross-section, whereas the exponen-

tial represents all other effects resulting in an increase of

the yield stress [20]. BP is a parameter that accounts for

the interface and interphase properties, with larger BP val-

ues corresponding to stronger interfacial adhesion and is

given by Eq. 5 [38]:

BP5 11s qf Sf

� �
ln ry;i=ry;m

� �
(5)

where s is the thickness of the interphase, qf, Sf are the

density and specific surface area of the filler and ry,i is

the yield stress of the interphase, respectively. Because of

technical challenges, it is really cumbersome if possible

at all to experimentally and reliably determine the

FIG. 5. Tensile elastic modulus and Tg obtained from DMA of PP-Su

and PP-St composites as a function of the filler content.

FIG. 6. Tensile elastic modulus as a function of the Tg obtained from

DMA of PP-Su and PP-St composites for increasing filler contents (from

0 to 7 wt%). The data points have been fitted using a polynomial func-

tion of the second order.
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thickness and yield stress of the interphase, so the param-

eter BP can be determined using Eq. 4, considering that

all the other parameters in that equation can be easily

determined experimentally.

The model proposed by Sumita et al. [22] relates the

viscoelastic properties to the interfacial interactions and is

described by Eq. 6:

Ec
00

Em
005 12/eð Þ21

5 12/ Bsð Þ21
(6)

where Ec
00=Em

00ð Þ is the ratio of the loss modulus of the

nanocomposites to that of the neat polymer, /e is the

effective volume fraction of the dispersed phase defined

as the volume of filler (/) plus that of the “constrained

matrix” associated with the interface and BS is a parame-

ter describing the relative value of the effective volume

per single particle. The two parameters BP and BS, which

are directly related to how strong the interface/interphase

is, are presented in Fig. 7a as a function of the filler vol-

ume fraction / for PP-Su and PP-St composites. For both

composite types, BP and BS increase up to a threshold

volume fraction value of �0.5–0.7 vol% (correspondent

to �1–1.5 wt%) and decrease at higher volume fractions.

This trend indicates that the polymer/filler interfacial

adhesion is enhanced up to the threshold value, whereas

the higher concentration of aggregates at greater filler

contents leads to a significant decrease in the average

specific surface area of silica particles, resulting in a

decrease of the B parameters as reported also in Ref.

[20]. Specifically, when passing the threshold filler con-

tent, the value of /e increases less rapidly with further

addition of particles, as determined by Eq. 6 and shown

in Fig. 7b, indicating that the thickness of the physically

absorbed PP layer on the surface of the silica particles is

limited due to agglomeration [38]. Moreover, the effec-

tive volume per single particle (BS parameter) continu-

ously decreases, indicating that the extent of the particle

agglomeration also increases with filler content. Higher B
values are obtained for PP-St than for PP-Su composites,

as expected due to better dispersion of the treated silica

particles. Moreover, the difference of the B values of the

two composite types becomes significantly less at higher

silica contents when aggregates are present irrelevant of

the type of silica used. Composites containing compatibil-

izer (i.e., PP-PPgMA-5-Su25 and PP-PPgMA-5-St25)

show higher values in B values and /e, indicating a better

filler dispersion and/or an increase in interphase thick-

ness. When considering the quantities involved in the

Pukanszky and Sumita models, the similar trend followed

by BP and BS parameters, a strong correlation between

the macroscopic tensile properties and viscoelastic proper-

ties can be clearly observed. In addition, a similar trend

can also be recognized between elastic modulus, Tg and

/e, providing further evidence of the presence of second-

ary reinforcing mechanisms in silica nanocomposites.

Finally, a comparable trend can be identified between the

amount of constrained amorphous phase (C-v) and the

effective volume fraction of the dispersed phase (/e) as

shown in Fig. 7c.

Morphology Characterization

SEM micrographs of fracture surfaces for PP nano-

composites loaded with 5 wt% silica are shown in Fig. 8.

Silica aggregates appear distributed inhomogeneously

FIG. 7. Plot of (a) the B parameters, (b) the effective volume fraction

of the dispersed phase /e and (c) the immobilized amorphous phase

(C-v) as a function of the filler volume content.
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within the matrix in PP-Su25 nanocomposite (Fig. 8a).

On the other hand, the incorporation of surface-treated

silica seems to promote a better dispersion of the filler

and the size of aggregates is markedly lower (Fig. 8b).

Moreover, the smaller aggregate dimensions observed in

PP-St25 composites can substantiate the better tensile

and viscoelastic mechanical properties when compared to

PP-Su25 sample (Fig. 1). The composite filled with 7

wt% of untreated silica presents rather poorly dispersed

silica particles organized in aggregates and agglomerates

with average dimension of around 250 nm (Fig. 8c),

while the homogeneous distribution of relatively small

silica aggregates is maintained in composites filled with 7

wt% of untrated silica (Fig. 8d). The microstructural

observations confirm that higher filler contents leads to

reduced interfaces, resulting in a lower efficiency in

improving the mechanical properties.

CONCLUSIONS

This study focused on understanding the interfacial

interactions between nanosilica and polypropylene and

their effect on the physical and macroscopic properties of

PP-silica nanocomposites. The tensile modulus and

strength of the composites were determined as a function of

the filler content (up to 7 wt%) and type of silica particles

(untreated vs. treated). To understand how the filler–matrix

interfacial interactions are affecting the tensile and visco-

elastic properties of the composite, different models deal-

ing with the static and dynamic mechanical behavior of the

particulate composites were applied. The Pukanszky’s

model, used to correlate the composite’s strength with the

interfacial strength, was shown to ascertain the influence of

the filler surface functionalization on the intensity of the

interfacial interactions. It was found that stronger interfa-

cial interactions are established in the compatibilized silica

nanocomposites. The Sumita’s model, used to correlate the

normalized loss modulus with the interfacial strength, was

found to follow a qualitatively similar trend.

A significant correlation between the tensile modulus,

glass transition temperature and the amount of constrained

polymer phase at the silica surface, as assessed through ten-

sile and DMA analyses, revealed the presence of a second-

ary reinforcing mechanism, which, concurrently to the

primary stiffening effect of the high modulus filler, contrib-

utes to the enhancement of the nanocomposites bulk prop-

erties. The polymer constrained phase, responsible for

providing a secondary reinforcing mechanism, was thus

modeled as immobilized amorphous and transcrystalline

polymer regions located at the filler surface.

FIG. 8. SEM micrographs of fracture surfaces of (a) PP-Su25, (b) PP-St25 (c) PP-Su27 and (d) PP-St27.
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